Abstract. Intramolecular phase separation is usually associated with block-copolymers, but the same phenomenon is also obtainable by random-copolymers. In this article, evidence of intramolecular phase separation is reported for a linear octadecene-ethene copolymer, which shows an evolving 'yield point' at a long time and low frequency. This is attributed to a partial phase separation of the long short-chain branches. In creep recovery, this behavior is evident as increasing elastic steady-state creep recovery compliance J e 0 . In contrast to 'normal' block-copolymers, this special polymer has an increase in phase separation with temperature, which is caused by the chemical composition and the short chain segments in the side chain domain, leading to a high surface fraction. Vol.5, No.4 (2011) 327-341 Available online at www.expresspolymlett.com DOI: 10.3144/expresspolymlett.2011 * Corresponding author, e-mail: fjstadler@jbnu.ac.kr © BME-PT length in their paper, as it cannot be determined due to the synthesis method. Such block-copolymers are usually thermorheologically complex [9, 14, 15] . The group of Bates [9, 10] , for example, found that below the order-disorder transition temperature, i.e., in the ordered state, the sample behaves like a gel and thermorheologically simple, while in the disordered state, a clear thermorheological complexity is found. The higher the temperature, the less pronounced the long-term relaxation process and, thus, the more similar is the data to a single-phase polymer melt. Recently, it was also proven that pure ethylene-/!-olefin copolymers with very long comonomers (C26) can be phase separating in the solid state, if their comonomer content is sufficiently high [16] . This effect is different from the previous cases, because it only involves one type of chain and, furthermore, occurs on random copolymers. Hence, it is an effect that occurs only on a short length scale, as shown by the fact that the length of the comonomers used were 18 and 26 carbons. Thus, the second phase has to encompass only the maximum of 24 terminal carbons; realistically, 16-20 carbons. This effect had a small trace in X-ray diffraction, which points to a weak side chain crystallization [17, 18] . However, it was shown that the samples showing this phase behavior in the solid state [16] did not show it in the melt state, as the samples behaved like normal linear low density polyethylenes (LLDPEs), being only special because of their higher flow activation energy E a , which is the consequence of the side-chain content s c of the comonomer [19, 20] . Phase separation in the melt is usually visible by traces of the interfacial tension [21] and different temperature dependencies of the individual blend components and the interfacial processes [22, 23] . Hence, if other techniques don't show any trace, e.g., because of too low differences in the electron density in X-ray scattering, rheological behavior can provide a valuable aid to the characterization of phase separation. Recently, molecular dynamics studies revealed that samples with significant levels of short-chain branching indeed tend to form separate phases, which affirms above observations [24, 25] . The thermorheological complexity of single phase melts was not often investigated until about 10 years
Introduction
The question whether two polymers can be blended together is one of the oldest in the history of polymer science, which primarily comes from the question of whether the usual endothermic heat of mixing and the very small combinatorial entropy of mixing make a phase separation thermodynamically favorable. The usual case is the immiscibility of two polymers [1, 2] . Although polyolefins (e.g. polyethylene and polypropylene) are very similar in their molecular structure, they are known to be immiscible [3] . Also blends of polyethylene and ethylene-/!-olefin copolymers are known to be phase separating under certain conditions, which highlights the fact that rather small chemical differences can already lead to phase separation, although it is reported to be rather weak [4] [5] [6] [7] [8] . While two polymers in a blend have to be mixed physically, it is also possible to link them together chemically to form di-or multiblock copolymers. On a nano scale, this also leads to phase separation, whose size naturally is determined by the molar masses of the individual blocks [9, 10] . This effect differs from blending in the way that it only involves one species of polymers; hence, it is an intrachain phase separation as opposed to a normal (interchain) phase separation. Kossuth et al. [11] published an overview of the rheological behavior classified by their terminal behavior in the angular frequency dependent storage modulus G!("). In general, the better ordered, the lower the terminal slope of G!("). Cubic phases -the maximum ordered state -don't flow at all, while a disordered state leads to a pattern very similar to a normal polymer melt [12] . Recently, Park et al. [13] established that such behavior can also be observed in ethylene/octene-block-ethylene/octenecopolymers, whose blocks differ distinctly in comonomer concentration. This shows that even small chemical differences suffice to create a biphasic structure. However, they didn't give the block ago. This is in part the consequence of its rare occurrence in commercially available products before the introduction of long-chain branched metallocene catalyzed polyethylene (LCB-mPE) in the market, and also caused by the fact that thermorheological complexity is not easy to detect in the double logarithmic plot of the complex modulus G!(") and G"("), especially, if only a relatively small frequency and temperature range is covered [24] [25] [26] . Also, the thermorheological complexity can be partially masked by a broad molar mass distribution (MMD), which causes the different relaxation processes to be smeared out [26] . Low density polyethylene (LDPE), for example, has a thermorheological complexity, which can be eliminated by an arbitrary modulus shift, whose origin remains to be determined [26] [27] [28] . Currently, it can only be said that the modulus shift b T for low density polyethylene (LDPE) follows an Arrhenius-temperature dependence which is 3-4 times stronger than expected from the density difference. The physical origin of this behavior is totally illusive at the moment, but different from LCB-mPE, because, unlike for LCBmPE, the shape of #(") is not temperature dependent for LDPE [27, 28] . Only recently, viable analysis schemes for thermorheological complexity have become available [26, 27, [29] [30] [31] [32] . The thermorheological complexity of long-chain branched metallocene PE leads to an increase of the activation energy towards longer relaxation times/lower relaxation strengths [29] [30] [31] . A similar effect was also found for long-chain branched polypropylenes (PP) and flouropolymers [27, 28, 32, 33] . The base of these methods is to determine the activation energy locally, i.e. at a given frequency, relaxation time, modulus, or relaxation strength, or to find out which quantity reacts insensitive to the thermorheological complexity, e.g., #(") is insensitive to the thermorheological complexity in LDPE and can, thus, be used for determining the 'real' activation energy [27, 28] . If no long-chain branching is present, any single phase melt shows thermorheological simplicity, i.e., the fulfillment of the tTS-principle (time-temperature superposition). This article attempts to answer the question of whether the phase separation observed in the solid state for special ethylene-/!-olefin copolymers can also be observed in the melt, where side-chain crystallization cannot be the driving force.
Materials and methods

Materials
The mLLDPE F18G is a linear ethene-octadecene copolymer, synthesized by B. Arikan (University Hamburg, Prof. Kaminsky) using the catalyst [Ph2C(2,7-ditert BuFlu)(Cp)]ZrCl 2 /MAO (University Hamburg, Hamburg, Germany). The synthesis of similar products was previously described [34, 35] . The product was stabilized with 0.5 wt.% Irganox 1010 and 0.5 wt.% Irgafos 168 (Ciba, Basel, Switzerland). L4 and C4 were commercial grades and were used as is [19] .
Molecular characterization
The comonomer content of sample F18G (cf. Table 1) was measured by solution NMR using the WALTZ-16-program [16] . For L4, melt-state NMR was used [36, 37] . Molar mass measurements were carried out by means of a high temperature size exclusion chromatograph (Waters, 150C) equipped with refractive index (RI) and infra-red (IR) (PolyChar, IR4) detectors. All measurements were performed at 140°C using 1,2,4-trichlorobenzene (TCB, Sigma-Aldrich, Schnelldorf, Germany) as the solvent. The high temperature size exclusion chromatograph (SEC) was coupled with a multi-angle laser light scattering (MALLS) apparatus (Wyatt, DAWN EOS). Details of the experimental SEC-MALLS set-up and the measuring conditions were previously published elsewhere [38] . The thermal behavior was measured on samples of about 10 mg by differential scanning calorimetry (DSC) (TA Instruments, DSC 2920) using the maximum of the melting peak at a heating rate of 10 K/min for the determination of the melting point.
Rheology
Samples were hot pressed into 25 mm diameter disks with 1 mm height at 180°C in vacuum for 5 min [38] . The shear rheological tests were carried out with a Bohlin Gemini air bearing and a TA Instruments AR-G2 magnetic bearing rheometer. Dynamicmechanical tests were carried out in the frequency range between 628 and 0.01 s -1 in the linear viscoelastic regime with a stress $ between 10 and 50 Pa, which yielded identical results in the complete frequency range. Hence, the linear viscoelastic range extends to at least this value, which corresponds to % 0 # 5% at " = 0.01 s -1 . Using higher strains will lead to a deviation mainly at low frequencies (cf. Figure 8 ). Creep and creep recovery tests were also performed in the linear viscoelastic regime with stresses between 2 and 20 Pa. The zero shear-rate viscosity & 0 was determined from the creep compliance, which can be deconvoluted as J(t!) = J 0 + '(t!) + t!/& 0 . As J 0 + '(t!) = constant ($J e 0 ) for t $ %, obtaining & 0 is possible as soon as J 0 + '(t!) << t/& 0 . This is independent of the condition for the stationarity in the creep recovery test J 0 + '(t!) = c = J e 0 (for creep time t 0 $ % and shear stress $ $ 0). Hence, obtaining & 0 is possible after significantly shorter creep times than J e 0 .The exact definitions of the quantities discussed here are given in previous publications [29, 39] . All tests were performed in a nitrogen atmosphere between 110 and 230°C. A frequency sweep (a dynamic mechanical test, in which the angular frequency is varied) in the beginning and at the end of the measurements of each sample was performed, to prove that no thermal degradation took place during the test. A maximum deviation of ±5% between those two tests was considered to be acceptable. Also, a repetition of the test at 130°C was performed after all tests above 190°C to ensure the reversibility of the effect. Relaxation spectra were calculated from the data using the method of Stadler and coworkers [40, 41] . Figure 1 shows the SEC-MALLS-data for the metallocene catalyzed linear low density polyethylenes (mLLDPE) L4 and F18G. The molar mass peak of F18G is slightly higher in M LS , which is also reflected in the higher molar mass of F18G (cf. Table 1 ). It is obvious that both materials have a similar, and narrow, molar mass distribution of M w /M n = 2. F18G seems to be even a little bit narrower in molar mass distribution than L4. C4 is broader in molar mass distribution, which is why it will be mainly discussed with respect to its thermorheological behavior. The SEC-MALLS-data of both materials show no deviation from the linear reference within the accuracy of the experiment, which points to the fact that neither material contains any long-chain branching (see Ref. [43] for an in-depth discussion of the question of how long-chain branching can be detected in PE). Table 1 shows the molecular characteristics of the samples characterized. For all samples in this article no long-chain branching was found.
Results
SEC-MALLS
DSC
The DSC-traces of the samples are given in Figure 2 . While the mHDPE C4 and mLLDPE L4 show the expected traces of a narrow melting peak, F18G shows a broad peak, which can be described as roughly bimodal. This indicates fundamental differences in the crystalline structure. This structure was discussed by Pérez et al. [43] , who found very similar DSC-traces for their sample. Based on their results, they concluded that the octadecene sidechains do not crystallize themselves separately, which is in accordance with Piel et al. [16] , who didn't find side-chain crystallization by DMTA. However, it is clear from the DSC-traces that the hexadecane side chains (formed by the octadecene) have to be somehow included into the main crystallites, which then leads to distorted low melting crystallites. The lower end of the melting area around 10°C roughly corresponds to the melting point of pentadecane, which means that probably the shortchain branches are located in higher concentrations (i.e. domains) locally and, thus, form some distorted crystals with some main chains in it. Furthermore, it is obvious that the melting temperature of L4 is significantly higher than T m of F18G despite the fact that L4 contains approximately 70% more comonomer (in mol%). Although solid-state properties are not the main focus of the article, these findings already demonstrate that F18G is a special material despite the fact that it is only an LLDPE with longer comonomer.
Rheology 3.3.1. Zero shear-rate viscosity ! 0
The first question needing to be answered is whether F18G is long-chain branched, as this would make the interpretation of the results significantly more complicated. However, the presence of sizable amounts of long-chain branches can also be safely excluded as the reaction conditions, under which F18G was synthesized inhibit the formation of long-chain branches [36] . Also the value of the zero shear-rate viscosity & 0 of about 9100 Pa·s (at 150°C) and the molar mass M w of 140 kg/mol make the presence of a small amount of LCBs very unlikely, as the expected zero shear-rate viscosity & 0 lin at 140 kg/mol is 30 000 Pa·s [38] . Hence, the zero shear-rate viscosity increase factor & 0 /& 0 lin is 0.3, i.e.
F18G is under the & 0 -M w -relation for HDPE, which would mean that it is either of a different molecular structure (this is not the case, as the exact synthesis conditions and the NMR spectra clearly indicate it of below 1 might be a consequence of the significant amount (4.5 mol%) of the rather long comonomer octadecene. This is in accordance with Wang et al. [50] , who found a significant decrease of & 0 for longer poly-!-olefins in comparison to PE. However, it remains puzzling why the sample F26F [51] has almost the same weight comonomer content w c (having fewer but longer butacosene (C24) side chains) yet obeys the & 0 -M w -correlation of HDPE [38] .
Because an explanation requires the full presentation of the rheological behavior of F18G, it is moved to the discussion section. Figure 3 shows the creep and creep recovery data of F18G. While the creep compliances J(t!) with t 0 = 415 and 4150 s agree very well, it becomes immediately obvious that the terminal value of the recoverable compliance J r (t), the elastic recovery compli-
Elastic behavior
ance J e , is very much dependent on the creep time t 0 (and also on the creep stress ( 0 , which was not investigated here, as all creep experiments were carried out in the linear viscoelastic regime) [52] . The elastic recovery compliance J e also exhibits a significantly higher value than comparable mLLDPEs, which have values for the steady-state elastic recovery compliance J e 0 around 10 -4 Pa -1 , i.e., J e 0 for F18G is more than a factor of 100 higher than that found for conventional LLDPEs (e.g. L4 in Figure 3 ). Please note that elastic recovery compliance J e is smaller or equal than the steady-state elastic recovery compliance J e 0 , as for the former, no proof of stationarity could be conducted. This was found to be impossible for F18G due to the long terminal relaxation times (for a conventional LLDPE the terminal regime is reached after around 100 s for this molar mass (cf. L4 in Figure 3 ) [29, 52] . The fact that only about 3% of the deformation induced by a creep deformation for t 0 = 4150 s recoverable (Figure 3 ), illustrates that this anomalous behavior is not the consequence of a network, as in that case the viscous part of the deformation (about 97%) would be much smaller in comparison to the elastic part (ideally 0%) [53] . In single-phase melts besides cross-linking, only a high molecular component is known to be able to elevate J e to a level above 10 -2 Pa -1 [46, 54] . However, the presence of such a high molecular component in F18G can be excluded, as such a high molecular component would certainly be detected by SEC-MALLS, which reacts very sensitively towards high molecular components even in very small concentrations.
Viscoelastic and thermorheological
properties When looking at dynamic-mechanical data, for unshifted storage moduli G!("), the data at different temperatures seem to converge to a common curve for " < 0.03 s -1 being indicated as the dashed line in Figure 4 . This line has a slope of about 1, which is the terminal slope of G"("), but not of G!("). Surprisingly, this line is almost temperature independent. The curves do not fall perfectly on the dashed line because of a small temperature dependence (the data at 230°C is right of the line, while the data at 110°C is left of it). It is not possible to find reliable shift factors, as this bend in the data, being an for different creep times in the instationary regime. The linear and stationary creep recovery data of L4 is given in this figure for comparison [55] .
additional relaxation mode, is only partially covered by the dynamic-mechanical test. When shifting the data obtained for F18G between 130 and 230°C a pseudo-master curve can be constructed for G!(a T ·") and G"(a T ·") > 30 Pa (Figure 5 ). The crossover frequency &c is around 40 s -1 , which corresponds very nicely to the scaling law between the characteristic relaxation time ) (= 1/" c ) that has been previously established for HDPE [38] . However, it also becomes immediately obvious that the moduli of F18G are lower than, e.g., for the LLDPE L4. The difference between L4 and F18G lies in G N 0 and in " c ($ M w ) becomes obvious when shifting the data of L4 to the crossover frequency " c (a T = 0.5) and modulus G c (b T = 0.38) of F18G (thick lines in Figure 5a ). Both datasets almost perfectly agree for a T ·" > 0.07 s -1 . Hence, the two materials differ in the plateau modulus G N 0 by a factor of # 2.5. Because of the comonomer content of almost w c = 30 wt.%, this is in accordance with previous findings [56] . It is actually quite surprising that the scaling of the characteristic relaxation time ) is fulfilled in the same way as HDPE despite the differences in chemical structure and G N 0 [56] .
Self-evidently, it is not suggested to use the modulus shift (b T ) as an analytical tool. The shifted data of L4 instead provides excellent evidence that the shape of the rheological data of F18G coincides very well with L4 for G!(a T ·") and G"(a T ·") > 30 Pa. The conclusion is that the relaxation behavior in this regime is unaffected, while the entanglement network is slightly looser (lower G N 0 ). The shift factor a T = 0.5 for L4 used for this comparison is exactly the shift factor expected from the scaling law with molar mass M w for the characteristic relaxation times established earlier for HDPE [38] , which already indicates that the material doesn't behave the way expected from chemical composition, as, according to Chen et al. [56] , a correction of the HDPE-scaling law has to be used. This discussion is given in detail in the conclusions section concerning the deviation from the & 0 -M w -relation Figure 5b shows that the elastic compliance J'(a T ·") > 0.07 s -1 ) of F18G is higher than that for L4, but this is a consequence of the lower plateau modulus G N 0 . This gives the opportunity to estimate the J e 0 of this material, which should be the steadystate elastic recovery compliance J e 0 of L4 divided by b T , i.e. 7·10 -5 Pa -1 /0.38 = 1.8·10 -4 Pa -1 (according to the theory of rubber elasticity J e 0 = f·G N 0 , where f is a factor ' 2.5 and dependent on molar mass distribution and molecular architecture) [12] . But as Figure 5b shows, the upturn for J!(a T ·" < 0.07 s -1 ) is so significant that the real J e 0 is significantly above that value (cf. Figure 3) . A normal LLDPE with the same comonomers content would show a behavior similar to the data of L4, shifted to the data of F18G using the same shift factors as already applied in Figure 5a (a T = 0.5, b T = 0.38). Figure 5 shows clearly that G"(a T ·") is thermorheologically simple within the experimental accuracy, while G!(a T ·") (and, thus, also J!(a T ·")) show a divergence below about a T ·" = 0.07 s -1 . The upturn for J!(a T ·" < 0.07 s -1 ) is highly temperature dependent, such that it is no longer possible to call it a thermorheologically simple material. Interestingly, the trend of the thermorheological complexity is exactly opposite to what is expected. Block-copolymers usually exhibit the largest thermorheological complexity at the lowest temperature, while F18G shows the largest deviations at the highest temperature [9, 14, 15] . Possible reasons for this behavior will be discussed later. The relaxation spectra calculated according to the method of Stadler and Bailly [40, 41] given in Figure 6 lead to a highlighting of thermorheological complexity. It is obvious that the spectra of F18G can be divided into two distinctly different regimes. Above H = 6 Pa, the spectrum looks like a typical example of a thermorheologically simple LLDPE, such as L4, also given in Figure 6a . Below 6 Pa, a clear second process is present, which has almost no temperature dependence, as the spectra around $ = 100 s are almost temperature independent. An evaluation using the analysis method to determine the activation energy spectrum E a (H) [31] clearly confirms this qualitative observation quantitatively (Figure 6b ). The activation energy E a (H) is constant (±2 kJ/mol) at the value of 39 kJ/mol published previously for this material for H > 6 Pa [19] . This behavior of E a (H) = constant is typically found for all thermorheologically simple fluids like normal linear LLDPE and HDPE (the data of mHDPE C4 [31] are also plotted in Figure 5b ). Below this threshold, a very low and error-afflicted activation energy of around 5 kJ/mol is found. This is a very strong effect, which has not been reported previously. LCB-mPE also show a thermorheological complexity; however, their activation energy increases, i.e., the opposite effect is observed. Figure 6 shows the values of the recoverable compliances J e after different creep times and elastic compliances J! at different angular frequencies of F18G at different temperatures. For a better comparability the time of the creep test divided by the shift factor t 0 /a T was set to be constant for all temperatures, i.e., the preceding creep tests were longer at low T and shorter at high T. Essentially the same was done for the frequencies at which the elastic compliances were determined (1/("·a T ) = constant). J!(1/("·a T ) = 10 s) shows almost constant values; only the highest temperatures show a slightly higher elasticity. A constant value is the behavior expected for a conventional LLDPE. This finding makes sense, as "·a T = 0.1 s -1 (c.f. Figure 4b) is the threshold between the normal LLDPE and the abnormal behavior of F18G at lower frequencies &·a T . At &·a T = 0.01 s -1 , there is a complete change in behavior: J!(&·a T = 0.01 s -1 ) increases by a factor of 2 between 150 and 230°C. The creep recovery tests with preceding creep times of t 0 /a T = 1000 and 10 000 s are significantly higher in J e . When looking at the slope of J e (T), it becomes obvious that the effect is smaller for these longer times than for 1/(&·a T ) = 10 s, which corresponds to the time scale of the process causing the abnormal behavior (cf. Figure 5a) . Because of the choice of &·a T = 0.01 s -1 , the position on the absolute time scale at which this process is probed depends on the temperature (the shift factors a T (T) are the shift factors valid for H > 6). When the probing time is significantly larger than the characteristic time of this process, the differences are less pronounced than at the time of the process (1/(&·a T ) = 100 s). One might argue that this dependence of J e on the temperature is the same as the J e 0 (T) dependence observed for LCB-mPE [29] . However, the temperature dependence of J e 0 for LCB-mPE is exactly opposite to J e (T) for F18G (cf. ! in Figure 7 for the data of LCB-mLLDPE LB 1 [29] ). Hence, these two types of thermorheological complexity have a different physical basis.
Discussion 4.1. Artifact?
Of course, the first question a careful reader of this article would ask is, whether the unusual behavior of F18G could be an experimental artifact. To the author's mind, the following artifacts would be conceivable: 1. At low moduli, # of some rheometers tends to become artificially large (which would produce exactly the same effect as shown) 2. Degradation of the sample 3. Remaining unincorporated comonomer The error in # (1.) can be excluded, because two different rheometers with different setups were used, which were both tested to deliver the expected results with respect to #(") for similar materials (e.g., L4, but also many more [29, 52] ). Furthermore, the creep recovery compliance J r (t) also shows this qualitative effect (for a quantitative comparison it would have to be proven that J e is indeed J e 0 ) [57, 58] . It is highly unlikely that a problem with the rheometer setups used would produce the same results consistently for two different rheometers and two different test modes. The thermal degradation of the sample (2.) can be excluded for several reasons. Firstly, a frequency sweep measurement was performed as a first test, and then the identical test was performed again after all other tests, so that any difference in molecular structure could have been spotted with that test. Secondly, tests have shown that the catalyst produces polymers that are very thermally stable (a product with slightly less comonomer but otherwise identical synthesis conditions was found to be stable for more than 1.5 weeks at 150°C). Thirdly, a test at 130°C was performed before and after the test at 230°C. Both tests at 130°C were identical within the usual reproducibility intervals of ±5%, even though the data at 230°C measured between the different runs at 130°C with the same sample is distinctly different. This points to the physical nature of the effect. It was also tested whether the domain/ phase structure can be distorted by heavy shear. It is possible to reduce the higher elasticity to a certain degree, although not completely, by significantly increasing the shear amplitude (Figure 8 ). Such shear susceptibility would be totally atypical of a chemical network. It is, however, similar to effects found for blockcopolymer melts [59] , where the rheological response can be changed by several decades for samples forming well-ordered cubic structures. The changes given in Figure 8 for F18G are rather small in comparison, but that is not surprising considering that this material can achieve a much lower degree of order than regular diblock copolymers. The question of the remaining unincorporated octadecene (3.) cannot be answered purely by rheology. GPC-MALLS did not show any significant amounts of a low molecular substance, which could cause that effect. Furthermore, it was found that heptadecane, which is very similar to the octadecene, has a tendency to evaporate quickly at 150°C [38] . Typically, a significant loss of heptadecane (30%) was observed after 5 minutes. This was accompanied by a strong waxy smell in the laboratory, which lasted several hours. One can easily imagine that when keeping a sample of F18G in the rheometer for 6 days at 150°C, which was the longest measurement for this sample, no unincorporated octadecene would be left after that time. If the effect were caused by unincorporated octadecene, the behavior would change with time, but that was not the case here. Hence, a significant effect of unincorporated octadecene can be excluded. Summarizing this section, experimental artifacts can be excluded, so that the observed effects must be due to a material property, which is discussed in the following.
Origin of the unusual behavior 4.2.1. Phase separation
The question is, if F18G is not long-chain branched, has a high molecular component, or is cross-linked, what is the origin of the thermorheological complexity? Piel et al. [16] found that a high amount of long comonomers can lead to side-chain crystallization, being observable by both DSC and DMTA; in other words, the long comonomers tend to form a separate phase from the backbone in the solid state. For an octadecene-copolymers, (C18) this effect was found to be significantly smaller than for hexacosene-copolymers (C26), and barely observable for F18F (8C18 in Piel et al. [16] ), the sample with the highest octadecene content in their study. The highest comonomer contents were around 3 mol%. The higher comonomer content of F18G of n c = 4.5 mol% will foster the phase separation even more, leading to a more phase separated structure. In the melt, neither F18F nor F26F both with about 3 mol% comonomer content and octadecene and the longer hexacosene as comonomer, respectively, showed this abnormal behavior [19] . The reason why F26F and F18F show a phase separation in the solid state, although none can be detected in the melt, can only be that the driving forces for the phase separation are the crystallization kinetics. The thermodynamic explanation is that the methyl groups at the SCB-and chain ends cannot crystallize. This was proven by the synthesis of 'exact LLDPEs' [60] , which have their shortchain branches at a defined position. In comparison to normal LLDPEs of the same comonomer content, their melting point is significantly higher and the crystallization peaks are narrower, i.e., the crystallites are more homogeneous and better built. This is a clear indicator that the SCB-ends are the moieties reducing the normal crystallization, because they do not fit in the crystal lattice. The consequence is that they stick out of the crystallites, thus, aligning them to some degree. This makes a secondary crystallization easier, which of course corresponds to a phase separation [16] . When crystallization driving forces are missing, e.g., in the melt, the phase separation becomes significantly less likely, and, therefore, needs more other driving forces to make it happen, e.g., a chemical difference. The high concentration of the SCBs in F18G increases the probability of different SCBends meeting each other, thus, forming a separate phase or domain (cf. Figure 9 ). Heindl et al. [24] recently suggested this type of behavior based on Figure 9 . Sketch of the phase separated structure. Thick red lines: main chain, short, black lines: hexadecene side chains, yellow area: side chain phase their molecular dynamics simulations. The phase boundaries of these intermolecular phase separated polymers are not very sharp, as the molecule bridges the phase boundary, hence, they can be rather considered as domains [24] . However, the rheological behavior indicates that the driving forces for the phase separation are strong enough to distinctly modify the rheological properties. On one hand, they lower the zero shear-rate viscosity & 0 by a factor of 3, but this is a consequence of the lower G N 0 ; the characteristic relaxation time ) is unaffected. On the other hand, they introduce a relaxation mode into the polymer, which is very slow and differs in thermorheological behavior from that of the main chain.
Effect of phase separation on zero
shear-rate viscosity Finding a definite answer to the question why zero shear-rate viscosity, characteristic relaxation times, and plateau modulus do not follow the same scaling laws upon the introduction of the SCBs is not easy. The fact that F26F and F18G have almost the same weight comonomer content (around 30 wt.%) but very different )0/)0lin means that the comonomer content alone cannot be made responsible for the differences. This also shows the limitations of the approach by Chen et al. [56] explaining the effect of comonomer on the rheological behavior, as their scaling laws don't apply to F18G. This alone suggests that F18G differs from conventional mLLDPEs. When assuming a phase separation, several effects occur. On one hand, the entanglement network is loosened (see also Chen et al. [56] ). A comparison with F26F suggests that the effect on G N 0 (and thus M e ) is almost identical, i.e., M e (F18G) # 850 kPa as opposed to 1973 kPa for L4. Hence, the entanglement network thinning is exactly as expected from the molecular data.
On the other hand, the characteristic relaxation time (e.g. the inverse crossover frequency) is almost unaffected by the comonomer content. According to Figure 5a , the crossover frequencies of L4 and F18G differ by factor 0.5, which is the ratio expected from looking at the molar masses M w (without taking any comonomer effect into account). A comparison with Chen et al. [56] on the contrary would suggest a significantly higher factor, because the entanglement relaxation time $ e should longer by factor # 50 than L4. The experimental data of F18G (the " c -ratio of L4 and F18G is 0.5 as expected from the M w -ratio), however, suggests that *e is unaffected by the comonomers, while Chen et al. [56] suggest an increase. This difference is quite puzzling, but can be rationalized the following way. The comonomers don't contribute to the entanglement network and, hence, the fact that they are in another phase doesn't influence the entanglement network. The 'slowing down' of the entanglement motion by the hexadecane side chains, however, does not occur and, therefore, $ e is unaffected. In other words, the material behaves just like HDPE with respect to the characteristic relaxation time ) or 1/" c . Because, & 0 is proportional to the product of G N 0 and the terminal relaxation time (or 1/" c ), a lowering of the plateau modulus by factor 3, which (in contrast to single phase LLDPEs) is not balanced by a lowering of " c by the same factor, the zero shear-rate viscosity & 0 is decreased to 30% of its expected value. This decrease is predicted, when taking Chen et al. [56] into account. Based on the higher monomer molar mass, they predict that $ e of F18G should be higher by factor 50, which when taking the exponent of 3.6 into account, is a factor of 3 with respect to " c .
Effect of the side chains on the low frequency properties
Looking at the hexadecane side chains as separate entities is not cogent, as an unperturbed octadecene chain would have a main relaxation time in the range of around 5·10 -10 s (calculated from the assumption that the plateau modulus G N 0 of PE is around 2 MPa and the zero shear-rate viscosity & 0 of pure octadecene is around 1 mPa·s at 150°C [38] ). Even when assuming that the incorporation of octadecene as side chains leads to a significant lengthening of the main relaxation time, it is very unlikely that its characteristic relaxation time is shifted by 10 to 11 orders of magnitude, from 5·10 -10 s to about 5 s (" # 0.02 s -1 ). Also, this would not explain the low E a of this process. Van Ruymbeke et al. [61] and Kapnistos et al. [62] found that pom-poms and combs with unentangled arms do not significantly affect the arms; i.e., the molecules behave like linear chains with a slightly lengthened relaxation time scale. Chen et al. [56] found the same for LLDPE. Thus, the extra relaxation mode cannot be caused by the main relaxation time of the hexadecane side chains. As the hexadecane-side chains (C 16 ) are certainly unentangled (the entanglement molar mass of PE is reported to be around 1000 g/mol = 70 CH 2 [63] ), they do not lend themselves to acting as long-chain branches. The rheological response would also look distinctly different in this case, and the activation energy would be significantly higher in the terminal regime. A high molecular component would also not lead to a thermorheological complexity, as long as the chemical structure is not changing distinctly as a function of molar mass, which would be also very unlikely from a reaction kinetics point-of-view. Furthermore, it would have been detected by SEC-MALLS. The most likely explanation is that the long-time relaxation mode is caused by the presence of intramolecular phase separation, as samples with sizable amounts of long short-chain branches are known to tend to phase separate, which is a consequence of the immiscibility of ethene-a-olefin copolymers of different side-chain contents [7, 8] . That is, the long short-chain branches behave as though independent, trying to separate themselves from their own backbone, thus leading to a separate phase, which can crystallize separately as well, if they are long enough [16] . This conclusion is supported by the previous finding that the steady-state elastic recovery compliances J e 0 of mLLDPEs with long comonomers are significantly higher than for short comonomers [51] . The higher J e 0 can be interpreted as the influence of the long side chains leading to a very weak intra-chain phase separation -the same effect as for F18G but significantly weaker.
Possible reason for the different temperature dependence of the thermorheological complexity
When comparing the chemical structures of F18G to the block-copolymers characterized in detail frequently, three important differences become obvious: -+F18G is a random copolymer with relatively long side chains, which are, however, distinctly below the entanglement molar mass M e (less than 25%). The block copolymers, characterized so far, are much higher in their block length than the side chains of F18G. -+F18G is a random copolymer, which can be considered to be a comb with short arms, blockcopolymers typically contain only one A-and one B-block. -+The chemical difference in F18G is very small.
Effectively, the main chemical difference is the CH 3 -endgroup. Block-copolymers, however, typically contain two distinctly different comonomers, e.g. styrene and butadiene. However, also polymers with small chemical differences, e.g. the ethylene/octene-block octene might exhibit a clear phase separation although not as well ordered. These three differences in chemical structure mean that -+The driving forces for phase separation are lower for F18G than for most block copolymers characterized so far, because the chemical difference is very small. -+The polymer does not contain an A-and a Bblock, but an A-main chain and, on weight average, approximately 160 B-blocks as side chains, which is less than 16 C each. Most probably the separated domain does not involve the complete side chain but only the 'outer' half. The direct consequence is that the sample contains only a weakly separated structure, which, however, has a very high surface area and many chains crossing the surface. Hence, the sample has some similarities with a surfactant. Self-evidently, the small B-domains will coalesce and, thus, form larger domains or phases. One striking feature of sample F18G in comparison to the block copolymers characterized so far is that the temperature dependence is inverse to the other samples. When we consider the differences in chemical structure, it becomes obvious that the different behavior must originate from the small chemical difference and the short blocks, i.e., the high surface area. The most logical conclusion is the following. At low temperature, the side chains are less able to form a separate phase, because the solubility in the A-phase is low. So there is a sharp interface, which only slightly coalesces and the B-domains are small. When increasing the temperature, the miscibility increases. This has two effects. The degree of phase separation becomes smaller, but on the other hand the higher miscibility increases the thickness of the interface. The rheological data has clearly demonstrated that the second effect is stronger. Because previously characterized block-copolymers had significantly larger blocks, this effect is not observed as the concentrations of chains passing through the surface is not as high as for F18G.
Conclusions
This article has shown evidence of a very unusual behavior of the special mLLDPE F18G. At low frequencies a clear secondary process becomes obvious, which is essentially unchanged by temperature, making it stronger at high temperatures. This leads to a decrease of the activation energy E a as a function of relaxation strength H below H = 6 Pa. Also an increase of the elastic recovery compliance J e with increasing T was found. Both effects are opposite to the typical behavior of long-chain branched PE, and it was, therefore, concluded that long-chain branches are not responsible for this behavior. The sample F18G indeed shows a weak phase separation leading to a novel kind of thermorheological complexity, previously unknown for single phase melts. However, it is quite similar to the order/disorder transition for diblock copolymers [9] . The driving forces for this phase separation are the difference in chemical potential between CH 3 -and -CH 2 -groups and the large length and high molar fraction of the octadecene (i.e., the hexadecane side chains). The fact that a special comonomer, as well as a relatively high concentration of that comonomer, is needed to cause this effect, and furthermore, that it is relatively weak, constitute the proffered explanation as to why it has not been discovered previously. The high interface and the weak chemical differences lead to an inversion of the usual temperature dependence found in block copolymers.
